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Abstract
Amorphous aluminum oxide Al2O3 (a-Al2O3) layers grown by various deposition techniques
contain a signiﬁcant density of negative charges. In spite of several experimental and theoretical
studies, the origin of these charges still remains unclear. We report the results of extensive
density functional theory calculations of native defects—O and Al vacancies and interstitials, as
well as H interstitial centers—in different charge states in both crystalline α-Al2O3 and in
a-Al2O3. The results demonstrate that both the charging process and the energy distribution of
traps responsible for negative charging of a-Al2O3 ﬁlms (Zahid et al 2010 IEEE Trans. Electron
Devices 57 2907) can be understood assuming that the negatively charged Oi and VAl defects are
nearly compensated by the positively charged Hi, VO and Ali defects in as prepared samples.
Following electron injection, the states of Ali, VO or Hi in the band gap become occupied by
electrons and sample becomes negatively charged. The optical excitation energies from these
states into the oxide conduction band agree with the results of exhaustive photo-depopulation
spectroscopy measurements (Zahid et al 2010 IEEE Trans. Electron Devices 57 2907). This new
understanding of the origin of negative charging of a-Al2O3 ﬁlms is important for further
development of nanoelectronic devices and solar cells.
Supplementary material for this article is available online
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1. Introduction
Reliable characterization and identiﬁcation of electron traps in
thin insulating ﬁlms is of utmost importance for eliminating
or limiting the impact of these defects on the performance of
electronic devices. In particular, it is has been known for a
long time that amorphous aluminum oxide Al2O3 (a-Al2O3)
layers grown using different deposition techniques contain a
signiﬁcant density of negative charges [1–5] of still unclear
origin. Speciﬁcally, understanding of electron trapping in
amorphous alumina is important in the development of var-
ious nanoelectronic devices, including charge trap ﬂash
memory cells [4, 5] and amorphous Indium Gallium Zinc
Oxide (a-IGZO) transistors [6]. Furthermore, in some appli-
cations the presence of charge is desirable. For example, in
silicon solar cells a-Al2O3 layers with a signiﬁcant density of
ﬁxed negative charge are used to achieve electrostatic
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passivation [7–9] by introducing substantial band bending at
the silicon side of the Si/a-Al2O3 interface. This leads to a
reduction of the surface recombination velocity thus
improving the solar cell efﬁciency.
It has been suggested that the formation of negative
charges in alumina is result of electron transfer from silicon to
energetically deep electron traps inside the oxide. A broad
variety of models for the electron traps have been introduced,
ranging from oxygen interstitials [10] to oxygen vacancies
[11] and aluminum vacancies [7]. Testing the validity of these
models requires understanding of how these trapping site
models can explain the thermally-activated increase of the
negative charge observed when annealing a-Al2O3 layers on
Si at temperatures below 500 °C [12]. These temperatures are
insufﬁcient for defect generation since they are well below the
temperature range needed for atomic re-arrangements in alu-
mina, e.g. for crystallization which starts above 800 °C [13].
The previous calculations [14] suggest that intrinsic network
sites do not provide energetically deep (>1 eV) trapping sites
for electron polarons in a-Al2O3. Therefore in this work we
investigate whether structural network imperfections, such as
native defects and hydrogen ubiquitous in these samples, can
explain the dominance of negative charging.
The major challenge for atomic identiﬁcation of electron
trapping sites in a-Al2O3 concerns the absence of electron
spin resonance (ESR) signals associated with these electron
states. Despite several attempts to observe electrons trapped
in a-Al2O3 using ESR, only signals stemming from its
interface with the silicon substrate (silicon dangling bonds at
the surface of the Si crystal or in the near-interface Si oxide
layer) or with contaminants, mostly carbon-related, have been
detected so far [7, 10, 15–19]. We note that crystallization of
alumina as a result of high temperature annealing does not
eliminate electron trapping sites, suggesting that they are not
caused by disorder as in a-HfO2 [20]. Moreover, experiments
consistently indicate that the defects in question are abundant
in a-Al2O3 ﬁlms. For example, measurements of the threshold
voltage shifts in a-IGZO thin ﬁlm transistors provide an
estimate of the electron trap density of 1×1013 cm−2 in a
30 nm a-Al2O3 ‘charge trapping’ layer [5].
Whilst ESR measurements have proved challenging, the
analysis of electron trapping in Al2O3 thin ﬁlms in [4] has
provided the trap density at various depths within the ﬁlm,
and the position of their energy levels below the conduction
band minimum (CBM) using exhaustive photo-depopulation
spectroscopy (EPDS). EPDS measures the energy levels of
the defects by monitoring the density of electronic charge
remaining in the ﬁlm after the photo-excitation of electrons
into the Al2O3 conduction band [4, 20, 21]. Charging of the
Al2O3 was performed by electron tunneling through a 4 nm
SiO2 tunneling layer at high positive voltage. After charging,
the sample was left for several hours in darkness, allowing all
shallow traps and traps close to the gate to discharge. After
signiﬁcant charging of the alumina ﬁlms by electron injection
from silicon, EPDS measurements revealed a broad range of
electron trap energy levels 2–4 eV below the CBM (see
ﬁgure 1) with a trap areal density well above 1×1013 cm−2
[22]. Furthermore, as can be seen in ﬁgure 1, the EPDS trap
spectra measured prior to electron injection in the alumina
ﬁlm reveal a similar energy distribution of the occupied
electron states in the oxide bandgap, albeit with a much lower
density. This observation suggests that the ﬁxed negative
charges commonly encountered in the as-deposited alumina
layers are related to the partial ﬁlling of electron traps already
present during Al2O3 ﬁlm synthesis.
The EPDS measurements were conﬁrmed by gate side
trap spectroscopy when injecting electrons from silicon and
sensing’ (GS-TSCIS) measurements which show a peak
defect density of 1.6×1019 cm−3 at approximately 3.4 eV
below the Al2O3 CBM, with a signiﬁcant distribution of traps
from 3.0 eV below the CBM [4]. In addition, a band of
shallow traps was also identiﬁed at 1.6–1.8 eV below the
CBM, with a trap density of approximately 1.6×1019 cm−3
in the bulk of the Al2O3 ﬁlms [4].
We note that the experimental results used here for
reference were obtained by analyzing (see [1, 4, 22] for
details) production-grade alumina layers synthesized using
optimized atomic-layer deposition (ALD) technology (ASM
Polygon ALD reactor, TMA-H2O process at 300 °C). The
major aim of this optimization was the reduction of con-
tamination due to by-products of the ALD reaction, which
eventually led to excellent reproducibility, including in terms
of electron trap densities (variation between samples pro-
cessed in independent reactor runs was less than 20%). The
major factor affecting electron trap density when compared to
Figure 1. Oxide charge density variations induced by illumination of
Si/SiO2(4 nm)/Al2O3 (20 nm) stacks (a) and the inferred spectral
charge density diagrams (b) for uncharged and electron injected
a-Al2O3 ﬁlms. Negative SCD values correspond to the net electron
trapping caused by the electron photoemission from silicon into the
tunneling SiO2 layer. The inferred energy distribution of the electron
traps with respect to the CBM are shown for the as-grown (neutral)
ﬁlms (dashed bars) and after injecting electrons resulting in negative
charging of the ﬁlm (open bars).
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this optimized process appears to be contamination of the
alumina ﬁlm by carbon residuals stemming from the methyl
groups in the metal precursor TMA [Al(CH3)3]. This con-
tamination yields additional deep (4 eV below the CBM and
deeper) electron traps in alumina, as was shown in a previous
dedicated study comparing low-temperature ALD-grown
Al2O3 layers with carbon-implanted Al2O3 ﬁlms [23]. The
absence of signiﬁcant densities of these carbon-related states
in the trap distributions discussed further in the paper suggests
that the observed defects are probably related to the intrinsic
defects in a-Al2O3 rather than the result of a contaminant.
However, in the case of un-optimized low-temperature alu-
mina deposition, additional electron trapping by the impurity
centers cannot be excluded, analysis of the contamination-
related effects is obviously beyond the scope of the pre-
sent work.
Another observation is that when isovalent cations other
than Al are introduced in the alumina matrix the energy dis-
tribution of traps is shown to be affected signiﬁcantly [24].
Addition of gadolinium results in the appearance of shallow
electron traps (with trapping energies of less than 2 eV), quite
different from the original trap spectrum obtained from pure
Al2O3. By contrast, doping by lanthanum results in a high
density of optically inactive electron traps which retain their
negative charge when ﬁlled, until the photon energy becomes
sufﬁcient to generate electron–hole pairs in LaAlOx and
annihilate the trapped electrons. This behavior can be corre-
lated with the hygroscopic nature of La oxides resulting in
formation of hydroxyl (OH) groups due to interaction with
traces of moisture in the clean room ambient. Hydroxyls are
well known electron traps in SiO2 [25] and exhibit no pho-
todepopulation property. Though these defects may account
for the optically inactive fraction of the trapped electron
charge remaining in the oxide (see ﬁgure 1(a)) their density
remains signiﬁcantly lower than that of the photo-active traps
which then naturally becomes the focal point of the present
theoretical work.
To elucidate the origin of negative charging and the
nature of trapping sites responsible for the measured energy
spectrum of trapped electrons in the alumina bandgap, shown
in ﬁgure 1, we performed Density Functional Theory (DFT)
calculations. We assumed that a-Al2O3 ﬁlms contain native
defects which are generated during the ﬁlm deposition pro-
cess, where the structure deviates from the stoichiometric
‘pure’ amorphous topology, similar to intrinsic and extrinsic
defects in crystalline α-Al2O3 which have been widely stu-
died computationally [26–30]. We compare the structural and
electronic properties of interstitial hydrogen (Hi), oxygen
vacancies (VO), oxygen interstitials (Oi), aluminum vacancies
(VAl) and aluminum interstitials (Ali) in a-Al2O3 and
α-Al2O3. The calculated charge transition levels and Kohn–
Sham (K–S) energy levels of the defects are compared to
experimental values [4] to enable identiﬁcation of the defects
responsible for the negative charging of a-Al2O3 ﬁlms. We
conclude that negative charging of a-Al2O3 ﬁlms is caused
predominantly by electron trapping by native defects O
vacancies and Al interstitial ions, as well as by H interstitials.
These positively charged defects are compensated in as
prepared samples by negatively charged O interstitial ions and
Al vacancies. The charge balance is shifted to negative charge
as a result of electron trapping which also creates the occu-
pied states in the gap observed experimentally.
2. Computational methodology
The methods and potentials employed to model the a-Al2O3
systems have a signiﬁcant impact on the structures produced.
In experiment the choice of substrate and growth conditions
have a large effect on the density of the a-Al2O3 ﬁlms
[31–33]. The systems considered in this paper were char-
acterized in detail in the previous study [14], with their
densities being representative of the ALD ﬁlms that are most
relevant for device applications.
A range of defects in a-Al2O3 were investigated using 10
amorphous structures generated using molecular dynamics
and a melt-quench method, described previously [14]. These
calculations were performed using the LAMMPS code [34],
360 atom cells, and a Born–Mayer type inter-atomic potential
that had been previously used to generate a-Al2O3 [32, 35].
Brieﬂy, the melt-quench procedure works as follows. The 360
atom cells of α-Al2O3 used as the initial structure were
equilibrated at 300 K for 10 ps, and then heated to 5000 K
over 20 ps and equilibrated in the melt. The structures were
then cooled to 1 K at a cooling rate of 10 Kps−1. The NPT
ensemble was used with a time step of 0.1 fs. The cell geo-
metry was then re-optimized using DFT.
This method produced a-Al2O3 structures with an aver-
age density of 3.14 g cm−3, in agreement with experimental
measurements of 2.97–3.20 g cm−3 [6, 36, 37]. As discussed
in detail in [14], the obtained structural properties agree well
with the experimentally measured distribution of coordination
numbers [38] and radial distribution functions from x-ray and
neutron diffraction studies [31]. In particular, 53%, of Al
atoms are 4-coordinated by O atoms, whereas 37% and 10%
are 5- and 6-coordinated, respectively. This shows that in
amorphous ﬁlms most Al atoms are under-coordinated with
respect to α-Al2O3, where all Al atoms are 6-coordinated
with O.
The calculations of the electronic structure were per-
formed using the CP2K package [39]. The PBE0-TC-LRC
[40] functional was used with a cutoff radius of 3.0Å, tuned
to minimize deviation from straight line error and to ensure
that Koopmans’ condition is obeyed (as described in [14])
similar to the implementation in [41, 42]. The DZVP-
MOLOPT-SR-GTH [43] basis sets were used for O, Al and H
with the Goedecker–Teter–Hutter (GTH) pseudopotentials
[44, 45], and the auxiliary density matrix method [40]
(ADMM) was used to speed up the calculations. The plane
wave energy cutoff was set to 500Ry and the SCF conv-
ergence criterion was 10−6 a.u. The calculated K–S single-
electron band gap in α-Al2O3 is 8.6 eV, close to the exper-
imental optical band gap of 8.7 eV. The average value of the
K–S band gap calculated from ten structures in a-Al2O3
is 5.5 eV.
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We note that there is a marked shift both in the measured
and calculated band gap between the crystalline and the
amorphous phases, with α-Al2O3 having a band gap of 8.7 eV
while the range of band gaps observed for a-Al2O3 grown
using ALD is 6.0–7.0 eV [46–48], this represents a signiﬁcant
reduction of 20%–30%. This phenomenon and its relationship
to the ﬁlm density, structure, and dielectric properties have
been examined theoretically in [48] and experimentally by
several groups using a variety of techniques. [13, 47, 49, 50]
While there is not yet a clear consensus as to the exact nature
of this band gap reduction, it is clear that the hybridization
and the relative position of both the valence band and con-
duction bands are affected [47, 48, 50, 51]. This last point is
of critical importance when considering defects in these
structures and the associated states in the band gap. Any shift
in the band edges may result in the same defect behaving
dramatically differently in the crystal and the amorphous
phases. A deep state in the crystal can transform into shallow
state in the amorphous ﬁlm and some shallow states can be
removed from the band gap all together. The full extent of this
electronic structure, density, and motif dependence will be
explored in a future publication, and as such is beyond the
scope of this work.
Defects were then created in the 360 atoms cells of both
a-Al2O3 and α-Al2O3 by the addition or removal of an ion at a
variety of sites, in order to sample the effect of different
densities, band gaps and local atom coordination numbers.
The structures were then allowed to undergo full geometry
optimization using the PBE0-TC-LRC [40] hybrid functional,
with a maximum force convergence criteria of 0.05 eVÅ−1.
Unlike in crystals, where there is a ﬁnite number of
non-equivalent defect sites within the primitive unit cell, in
amorphous structures the lack of periodicity means no sites
are exactly equivalent, and so any defect properties will
have a wide distribution of values, dependent on local
geometric structure and the bulk properties of the speciﬁc
amorphous cell. Full sampling of different local conﬁg-
urations even within 360 atom cells using the non-local
density functional is beyond our computational means. The
aim of this work is to ascertain which defects are likely to
be responsible for negative charging of a-Al2O3 ﬁlms and
estimate the range of corresponding formation energies and
gap states. To achieve that, we calculate the defect prop-
erties in ten statistically independent cells obtained using
the method described above and in [52, 53]. This allows a
variety of local defect geometries to be sampled, which
have different bond lengths and local coordination numbers,
whilst also allowing for variation in bulk properties that can
affect the stability of certain defect conﬁgurations and
charge states. To create vacancies, atoms are removed at
random, but so the distribution of the atom coordination
numbers matches that of the distribution across the 10 cell
geometries. Interstitial defects are created by adding an
atom at a random position in the cell, with a consideration
of minimum inter-atomic distances, and then performing a
geometry relaxation.
2.1. Defect formation energies
The defect formation energies and charge transition levels for
defects in crystalline α-Al2O3 are calculated using the method
described in [54]. The chemical potential of hydrogen used in
the calculation of the formation energies is m = E 2H H2 , where
EH2 is the total energy of an H2 molecule. The chemical
potential of oxygen in O-rich conditions was taken to be
m = E 2O0 O2 , where EO2 is the total energy of an O2 molecule
in the triplet state. Although DFT is known to over-bind the O2
molecule leading to over estimation of the dissociation energy
[55], this has not been corrected in this paper. It is known that
generalized gradient approximation functionals over estimate
the dissociation energy by large amounts (>1 eV) [55], but
hybrid functionals, such as PBE0, better correct the self inter-
action error, leading to much smaller errors of approximately
0.3 eV [55]. Using this method allows us to compare with other
papers, and, as the main properties of interest are the charge
transition levels and K–S one electron energy levels, the che-
mical potential will have no effect on these properties.
The Al reference chemical potential, mAl0 , was calculated
from a 256 atom cell of bulk Al in the cubic phase, after a full
cell relaxation, where m = EAl0 Al. The DFT calculation used
the same PBE0-TC-LRC [40] functional and DZVP-
MOLOPT-SR-GTH [43] basis sets as the other calculations in
this paper. This corresponds to the Al-rich condition.
The chemical potentials of various growth conditions can
then be set by adjusting the Δμα parameters, which correspond
to differences in the chemical potentials from their reference
values (ma0 ), as they must obey certain conditions. First the sum
of the chemical potentials must equal the formation enthalpy of
alumina (DHAl O2 3),
m mD + D = D ( )H2 3 . 1Al O Al O2 3
They must also obey the conditions where
mD < ( )0 2Al
and,
mD < ( )0 3O
in order to prevent them reverting to their pure elemental form. If
these conditions are obeyed then O-rich conditions correspond
to when ΔμO=0, and Al-rich conditions when ΔμAl=0.
Both a-Al2O3 ﬁlms grown experimentally and our
theoretical models are metastable and never in thermo-
dynamic equilibrium. It is likely that the creation of defects is
a dynamic process that occurs during ﬁlm deposition, and
cannot be described by Boltzmann statistics. Nevertheless we
use the same method to estimate the charge transition levels
of defects in different positions in amorphous structures. This
provides comparison with these energies in the crystalline
phase, and some guidance for expected defect charge states
before and after electron injection. The average Gibbs free
energy of formation of defects in a-Al2O3 is given in the
supplementary material available online at stacks.iop.org/
NANO/30/205201/mmedia3.
3 See supplemental material at (URL will be inserted by publisher) for defect
formation energies.
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Charge corrections to the energy, as a result of the
interactions between point charges in periodic supercells
[56, 57] were included in the calculations of the defect for-
mation energies. The corrections led to small shifts in the
positions of the charge transfer levels by no more than 0.4 eV,
due to the high dielectric constant of amorphous Al2O3 (9.6
[58]) and the large size of the cells.
3. Results of calculations
3.1. Interstitial hydrogen
Due to its presence in almost every growth environment,
hydrogen is a common impurity in most metal oxides and
semiconductors, including Al2O3 [36, 59, 60]. Therefore it is
not surprising that the negative charging observed experi-
mentally [5, 60] in a-Al2O3 thin ﬁlms has been attributed to
interstitial hydrogen (Hi). A tunneling conductivity via a mid-
band gap state was observed to increase after an increase of
the H content in alumina ﬁlms [60]. DFT studies of Hi in
crystalline Al2O3, using LDA [26], GGA [60] and hybrid
[28–30] functionals, conﬁrm that interstitial hydrogen has a
mid-band gap energy level in alumina, close to its band offset
with Si. Due to the lack of computational data on interstitial
hydrogen in amorphous alumina, DFT studies of crystalline
Al2O3 are used for comparison in this section.
To create the defects, neutral hydrogen atoms were
inserted at random positions within the 10 amorphous Al2O3
geometries, while ensuring initial O–H distances were greater
than 1.6Å, and then allowed to relax. This allowed the H to
be positioned close to O ions with a range of coordination
numbers during relaxation. After calculating the properties of
the Hi
0, the different charge states were investigated by the
addition or removal of an electron to the system followed by a
full geometry optimization.
3.1.1. H+i . In crystalline alumina there are three possible
charge states of interstitial hydrogen, each of which has
different structural and bonding characteristics. Previous DFT
calculations predict that +Hi forms an OH bond with a nearest
neighbor oxygen in α-Al2O3 [28–30] and θ-Al2O3 [30], with
O–H bond lengths of approximately 1.0 and 1.1Å
respectively. As can be seen in ﬁgure 2(a), the +Hi defect
demonstrates similar behavior in a-Al2O3, with the proton
forming an OH bond with a nearest neighbor oxygen. The
average O–H bond length over the 10 amorphous samples is
1.00Å, with a range of 0.96–1.07Å.
Out of the 10 +Hi conﬁgurations in a-Al2O3, 7 formed an
OH bond with a 2-coordinated O ion ([2]O), and 3 with a
3-coordinated O ([3]O). The under-coordination of the O ions
means that no Al–O bonds have to be broken to form the
lowest energy conﬁgurations of the defect. This can be
compared to hybrid functional calculations of α-Al2O3 [30],
where 2 of the 4 oxygen ion’s Al–O bonds are broken to form
the OH conﬁguration, whilst in θ-Al2O3 the proton bonds
with a 3-coordinated O and no O–Al bonds are broken. The
+Hi defects in a-Al2O3 where the OH bond includes a [ ]O2
have an average formation energy that is 0.9 eV lower than
that with a [3]O. This could be due to the fact that the addition
of a proton signiﬁcantly lowers the energy of the localized O
*s p2 type orbitals observed at the top of the valence band in
bulk a-Al2O3, which are a direct result of the O under-
coordination.
3.1.2. Hi . In 7 out of the 10 interstitial hydrogen defects
calculated, the negatively charged hydrogen interstitial forms
an isolated H− ion, as shown in ﬁgure 2(c). This is similar to
the structural geometry of the defect observed in α-Al2O3 and
θ-Al2O3 [30]. In the other 3 conﬁgurations an [H ++ ]e2i CBM
defect is formed.
In the formation of the -Hi defect, the electron that is
introduced to the system localizes on the hydrogen, giving the
ion an average Bader charge of- ∣ ∣e0.9 . The negative charge
of the hydrogen ion causes signiﬁcant relaxation of the 2
nearest neighbor Al ions, which are attracted to the interstitial
hydrogen due to their formal +3 positive charge. An example
of this relaxation can be seen in ﬁgure 2. During this
relaxation the Al–H bond contracts by 0.19 to 0.36Å, when
compared to the bond lengths in the neutral charge state.
Similar relaxation of the 2 nearest neighbor Al towards the
-Hi defect is observed in crystalline Al2O3 [29, 30], with the
hydrogen sitting equidistant between the Al ions with a bond
length of 1.67Å. Relaxation of multiple cations towards the
defect also occurs in amorphous HfO2 [52], and crystalline
MgO and La2O3 [30]. This differs from the relaxation
observed in more covalent oxides, such as amorphous SiO2
Figure 2. The structural conﬁgurations of the 3 Hi charge states,
similar to those seen in crystalline Al2O3, with Al colored gray (large
sphere), O red (medium sphere) and H white (small sphere). The
arrows show the direction of relaxation, with the labels showing the
length of the bond. (a) the +Hi defect which forms an OH bond.
(b) Hi
0 which lies between 2 Al ions as atomic hydrogen. (c) -Hi also
sits between 2 Al ions, though they relax towards the negatively
charged ion.
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[53] and crystalline SiO2 and GeO2 [30], where the negatively
charged hydrogen bonds to a single cation, causing large
relaxation of the surrounding oxygens. This would suggest
that the ionicity of the material strongly affects the
conﬁguration and bonding character of the -Hi defect.
3.1.3. H0i and the [H
+
i +eCBM defect. The neutral hydrogen
interstitial,Hi
0, is a metastable defect in alumina. In crystalline
α-Al2O3 Hi
0 behaves like an isolated hydrogen atom and is 2
coordinated with Al [30]. It does not bind to any host atom
and causes minimal relaxation of the surrounding lattice due
to the charge neutrality [30]. The Hi
0 defect also exhibits
similar characteristics in some locations in a-Al2O3. These are
created by injecting an electron into the system containing the
OH bond of the +Hi —as a result, this bond is broken and the
electron localizes on the proton, forming an isolated hydrogen
atom (see ﬁgure 2(b)).
However, the neutral hydrogen interstitial defect in
a-Al2O3 can also differ signiﬁcantly from that in the
crystalline material. In a-Al2O3 there are two possible
conﬁgurations of the Hi
0 and, occasionally, the -Hi defects.
An H atom or H− ion introduced into a-Al2O3, can donate its
electron(s) into the conduction band whilst forming an OH
bond with a nearest neighbor oxygen (similar to the
conﬁguration seen in ﬁgure 2(a)). This can be termed an
[H ++ ]ei CBM or an [H ++ ]e2i CBM defect, where eCBM
denotes a delocalized electron in the conduction band. DFT
calculations using LDA functionals observed that for some
oxides the H(+/−) charge transition level lies above the
CBM [61]. This is attributed to a universal alignment of
the H(+/−) energy level at approximately 4.5 eV below the
vacuum level [61], meaning in oxides with a larger electron
afﬁnity, the energy needed to break the OH bond is greater
than that required to place an electron in the conduction band.
In a review of hydrogen and muonium data [62], and their
role as shallow or deep donors and acceptors, it is predicted that
Hi
0 in materials with electron afﬁnities greater than 4 eV will
auto-ionize and donate an electron into the conduction band,
which is conﬁrmed by ESR data [62]. Later studies, using
HSE06, demonstrate that crystalline TiO2 and SnO2 show
similar behavior [30], both of which have electron afﬁnities
greater than 4 eV [62] and band gaps smaller than 5 eV [30].
Amorphous HfO2 also has a [H ++ ]ei CBM like defect, though
the donated electron localizes at an intrinsic trap site, rather than
delocalizing in the network at the CBM. This lowers its
formation energy and makes this conﬁguration energetically
more favorable [52]. The trapping energy of an electron polaron
in a-HfO2 is approximately 1 eV, and so this compensates for
the higher band gap of approximately 6.0 eV [52] (and a lower
electron afﬁnity of approximately 3 eV [62]).
The [H ++ ]ei CBM conﬁguration is stabilized in a-Al2O3
due to the lowering of the conduction band compared to
α-Al2O3 (see e.g. [47]). The lowering of the conduction band
corresponds to an increase in the electron afﬁnity towards the
4 eV suggested as the H(+/−) alignment level, and when
the local structural relaxation lowers the energy surrounding
the defect sufﬁciently, [H ++ ]ei CBM can be more energetically
stable than Hi
0 in the amorphous material. The [H ++ ]ei CBM
defect can be considered a meta-stable state in a-Al2O3, which
is not observed in the crystalline material where the conduction
band is higher, and the energy gained from structural
relaxations is smaller.
3.1.4. Charge transition levels and energy levels of Hi. It is
widely accepted that interstitial hydrogen in crystalline Al2O3
exhibits the so-called ‘negative-U’ behavior, meaning its +1
(H+i ) or −1 (H-i ) charge states are more thermodynamically
stable than its neutral state (H i
0) for all values of the Fermi
energy [26, 28–30]. The calculations presented here show that
this holds true for interstitial hydrogen in a-Al2O3. As can be
seen from ﬁgure 3, there is only a (+/−) charge transition
level for the -Hi defect, and the [H ++ ]e2i CBM defect
necessarily has the charge transition level when the Fermi
energy is aligned with the CBM. The formation energy of the
neutral defect is never lower than that of +Hi or -Hi at any
value of the Fermi energy.
When only including the 7 -Hi conﬁgurations which have
a charge transition level in the band gap (discounting those
Figure 3. The formation energy of the different charge states of
interstitial hydrogen against the Fermi energy with respect to the
valence band. The dashed vertical line shows the position of the CBM.
(a) The formation energy of the +Hi , Hi0 and -Hi where the OH bond is
broken in the neutral and negative charge state, as seen in ﬁgures 2(b)
and (c). (b) The formation energy of +Hi , [H ++ ]ei CBM and
[H ++ e2i CBM], here the (+/−) charge transfer level is at the CBM.
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where ++ eH 2i CBM form), the average (+/−) charge
transition level lies 1.43 eV below the CBM, as can be seen
in ﬁgure 4. The charge transition levels are shown with
respect to the CBM in order to compare with experimentally
measured conduction band offsets of a-Al2O3 with Si [46].
The position of the level compared with the Si band offset
suggests that the average (+/−) level lies approximately 1 eV
higher than would be expected from the universal alignment
of hydrogen levels in semiconductors predicted by Van de
Walle and Neugebauer [61] using LDA functionals. However
later studies [30] using hybrid functionals show that the
(+/−) level of hydrogen interstitials in oxides can vary by
more than ±1 eV from the universal level in crystalline
oxides. The charge transition level for a-Al2O3 calculated here
is in good agreement with the one predicted for θ-alumina
[30], which has a similar band gap. The position of the (+/−)
level closer to the conduction band may be due to the strength
of the OH bond of the +Hi defect. As no Al–O bonds have to
be broken to form the OH bond in the amorphous material,
the formation energy may be lowered compared to that in
crystalline alumina. The -Hi defect in a-Al2O3, despite the
slightly larger relaxations of the surrounding Al ions, more
closely resembles the -Hi defect in crystalline alumina,
resulting in a smaller decrease in formation energy and thus
a higher lying (+/−) charge transition level.
In ﬁgure 4 it can be seen that the (+/−) charge transition
level lies above the Si conduction band, but only by an
average of 0.6 eV, with the lowest (+/−) level within 0.2 eV
of the Si CBM. As reported in the study by Zahid et al [4], the
negative charge traps in a-Al2O3 are populated via the
tunneling mechanism. By varying the charging potential,
traps at a range of energy levels in the alumina gap are
populated when they are aligned with the injection level.
Therefore -Hi could be responsible for the negative charging
observed [4]. However, the K–S energy levels of -Hi lie on
average 4.8 eV below the CBM, approximately 1 eV lower
than the extreme range of the trap levels measured by EPDS
in [4]. So whilst it is possible for interstitial hydrogen to trap
electrons in a-Al2O3 [2, 4, 5], it is unlikely to be responsible
for all the defect states observed by the EPDS measure-
ments [4].
3.2. Oxygen vacancies
3.2.1. VO in α-Al2O3. There is a large body of existing
literature on oxygen vacancies in crystalline Al2O3, both
computational [27, 64, 65] and experimental [66, 67]. This
allows calculations of VO in α-Al2O3 to be used to
benchmark the DFT setup and hybrid functional parameters
with respect to existing studies, and to act as a point of
comparison to the amorphous system.
Figure 5 shows the formation energy of various charge
states of oxygen vacancies in α-Al2O3 calculated in this work.
one can see that oxygen vacancies have a (+2/+1) charge
transition level at 3.8 eV above the VBM, with the (+1/0)
level at 4.0 eV above the VBM, meaning that for most Fermi
energies in the band gap the +VO2 and VO0 are the most
thermodynamically stable charge states of the oxygen
vacancy. During the geometry relaxation of the neutrally
charged oxygen vacancy, the four nearest neighbor Al move
0.01–0.10Å towards the defect site with respect to the perfect
lattice. For +VO2 they relax 0.19–0.30Å away from the
vacancy site with respect to the perfect lattice. These
displacements are in good agreement with Choi et al [65].
However, whilst the nearest neighbor displacements are
similar, they calculate the (+2/+1) charge transition level to
be 3.2 eV above the VBM, with the (+1/0) level at 4.1 eV
[65]. This difference is likely to stem from the smaller cell
size used in [65] (160 atoms), which constrains the relaxation
of the next nearest neighbor ions, increasing the energy of the
+VO2 defect. The over-estimated +VO2 formation energy has
also been obtained in other calculations using smaller cell
sizes [64].
Figure 4. The average (solid lines) charge transition levels of Hi, VO,
Oi, VAl and Ali with respect to the a-Al2O3 CBM, the energy axis is
in eV. The dashed lines represent the calculated range of the levels in
the different samples. The Si/a-Al2O3 conduction band offset is
taken from internal electron photoemission measurements [63].
Figure 5. The formation energy of the different charge states of
oxygen vacancies in α-Al2O3 as a function of the Fermi energy
position with respect to the valence band.
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Spectroscopic measurements [67] of α-Al2O3 assign an
absorption peak at 6.4 eV to the neutral oxygen vacancy. This
energy is greater than the 5.6 eV energy difference calculated
between the VO
0 K–S energy level and the CBM. However, O
ions in α-Al2O3 are four-coordinated and have tetrahedral like
symmetry with point group Td. The ground state of VO
0 has
the A1 like character (see ﬁgure 6) which has minimal
wavefunction overlap with the delocalized CBM in α-Al2O3
composed of Al 3s orbitals. However, as can be seen in
ﬁgure 6, the defect induces a localized state in the conduction
band with T2 like character. A1 to T2 excitations are
symmetry allowed dipole transitions and are most likely
responsible for the sharp peak observed experimentally [67].
The T2 like state (see ﬁgure 6) lies 6.3 eV above the VO
0
ground state K–S level, and, although the energy difference
between K–S levels is only a ﬁrst approximation for
excitation energies, the calculated transition energy is in a
very good agreement with the experimentally observed peak
position attributed to VO
0 .
3.2.2. VO in a-Al2O3. Oxygen vacancies in amorphous Al2O3
have also been investigated using DFT methods [68, 69].
However, these studies only model vacancies in a single cell
of 80 [68] and 160 [69] atoms respectively, which may not
capture the full range of properties of VO. In order to improve
understanding of these defects in a-Al2O3, the properties of
oxygen vacancies at 11 defect sites in 10 geometry samples
have been calculated and are presented here. The distribution
of the O coordination numbers has been taken into
consideration, with 7 [3]O, 2 [2]O and 2 [4]O being removed
in order to create the oxygen vacancies.
In amorphous Al2O3 only the +2 or neutral charge states
of the oxygen vacancy are thermodynamically stable, as also
observed by Guo et al [69]. The (+2/0) charge transition
level lies, on average, 3.5 eV above the VBM and 2.0 eV
below the CBM (see ﬁgure 4). In the neutral charge state 2
electrons localize on the vacancy site, forming an F-center,
similar to the defect in the crystalline system. As VO
0 has a
doubly occupied state in the band gap it could be responsible
for the transitions seen experimentally [4], after charge
injection. The high (+2/0) charge transition level suggests
that before charge injection, whilst the Fermi level lies at the
VBM, +VO2 is the most stable conﬁguration, which has no
occupied states in the band gap. In a-Al2O3 there is no stable-VO1 state and so it cannot be responsible for the negative
charging observed in amorphous alumina ﬁlms, unless it acts
to compensate the negative charge of another defect.
The calculated K–S energy levels of VO
0 lie on average at
4.0 eV below the CBM (see ﬁgure 7). The defects in the
amorphous material create similar states to those observed in
α-Al2O3. The 3- and 4-coordinated vacancies induce
localized states, similar to the A1 state, to form in the band
gap, and T2 like states to appear within the conduction band
(see ﬁgure 8). The further distortion of the tetrahedral
symmetry means there is greater mixing of the states, and
at 3-coordinated sites, there is signiﬁcant relaxation from the
next nearest neighbor Al ions, but the presence of the T2 like
state suggests there could be high oscillator strength
transitions at larger excitation energies. On average the K–S
energy levels of the T2 like states lie 4.8 eV above the doubly-
occupied energy level of VO
0 . This energy difference is
signiﬁcantly lower than the 6.5 eV excitation energy assigned
to the neutral oxygen vacancy measured using electron energy
loss spectroscopy (EELS) [70]. However, the degree of
crystallinity of the measured samples is unclear and in
partially crystalline samples this peak could correspond to the




3.3.1. Oi in α-Al2O3. Neutrally charged oxygen interstitials in
α-Al2O3 form an O–O dimer at the defect site, centered on the
original lattice position of the O ion. In this conﬁguration both
oxygens are 3 coordinated with Al, and the O–O bond length
is 1.44Å. It has 3 thermodynamically stable charge states, as
Figure 6. An energy level diagram for VO
0 in α-Al2O3 showing the
symmetry forbidden and allowed transitions, and the molecular
orbitals of the A1 and T2 states involved in the symmetry allowed
excitations.
Figure 7. The average (solid black line) and range (dotted lines) of the
K–S energy levels of the Ali, VO or Hi defects with respect to the
a-Al2O3 conduction band, compared to the experimental EPDS trap
energy level range [4]. For the EPDS data the solid black line shows
the energy of the maximum density of states seen in ﬁgure 1.
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can be seen from the formation energy diagram in ﬁgure 9.
Importantly, it traps electrons and becomes -Oi2 when the
Fermi energy is 4.5 eV above the VBM. This is close to the
4.7 eV (0/−2) charge transition level calculated by Choi et al
[65], using the HSE06 functional.
When the oxygen interstitial captures 2 electrons to
become -Oi2 , the O–O bond length increases to 2.15Å. This
large displacement results in both O ions becoming 4
coordinated with Al, forming tetrahedral conﬁgurations.
Due to this relaxation the K–S energy level of -Oi2 lies only
1.5 eV above the valence band (see ﬁgure 9), as both O are
fully coordinated. Its role as a deep acceptor is in good
agreement with previous calculations [71].
3.3.2. Oi in a-Al2O3. To model the oxygen interstitial in the
amorphous structure, single oxygen atoms were added to the
10 different geometry samples and placed within 1.6Å of an
O ion, with 4 near [3]O, 3 near [2]O and 3 next to [4]O. Similar
to the crystalline case, oxygen interstitials in a-Al2O3 have a
deep (0/−2) charge transfer level. The average charge
transfer energy lies 3.5 eV below the CBM, and 2.0 eV
above the VBM. Guo et al [69] calculated the average charge
transfer level to be 2.5 eV above the VBM and similarly show
that the -Oi is thermodynamically unstable.
The fully relaxed neutral oxygen interstitial forms an O–
O peroxy bond with the nearest neighbor oxygen. The
average O–O bond length of the 10 defect conﬁgurations is
1.46Å for the neutral charge state. When 2 electrons are
added to the system, forming -Oi2 , the O–O bond elongates to
an average of 2.40Å. This large relaxation signiﬁcantly
lowers the energy of the defect-induced *s p2 like orbitals in the
conduction band, down towards the valence band. All the
occupied K–S energy levels of the -Oi2 lie within the valence
band, with no states existing in the band gap. The low lying
charge transition level of interstitial oxygen means it is likely
to be a source of electron trapping in a-Al2O3, but, the lack of
states in the band gap means that it cannot explain the trap
spectroscopy data [4].
3.4. Aluminum vacancies
3.4.1. VAl in α-Al2O3. The formation energy diagram for VAl
in α-Al2O3 (see ﬁgure 10) shows that the −3 charge state of
the vacancy becomes stable at 2.4 eV above the VBM. This
means the Al vacancy (0/−3) charge transition level lies even
lower in the band gap than the interstitial oxygen (0/−2)
transition level (see ﬁgure 9), which suggests that it will be
the dominant negatively charged defect in crystalline alumina,
even in O-rich conditions. This implies that it is therefore a
likely source of ﬁxed negative charge in amorphous alumina.
This agrees with previous studies that show Al vacancies in
α-Al2O3 [65] and κ-Al2O3 [27, 65] are very deep acceptors,
with charge transition levels close to the valence band.
3.4.2. VAl in a-Al2O3. As can be seen in ﬁgure 4, the −3
charge state of Al vacancies in a-Al2O3 becomes stable when
Fermi energies are on average 3.5 eV below the conduction
band (2.0 eV above the valence band). This is the lowest lying
charge transition level of all the defects presented in this
paper, but it is very close to the Oi (0/−2) level. 10 vacancy
sites were examined with 4 [4]Al, 3 [4]Al and 3 [4]Al removed
to create the defects. However, little dependence on
coordination was observed, with a deviation in the average
(−2/−3) charge transfer level of less than 0.5 eV.
It is likely that Al vacancies will act as deep electron
traps in a-Al2O3, but, the highest occupied K–S energy level
of -VAl3 (across all the samples) lies 4.7 eV below the CBM,
with most of the defect states lying within the valence band.
This suggests that it is unlikely to be the charge trap measured
by Zahid et al [4]. It is more likely to act as a source of
negative charge that compensates for positively charged
defects before electron injection, similar to the mechanism
described in section 3.3.2.
3.5. Interstitial Al
3.5.1. Ali in α-Al2O3. On a ﬁrst examination of Al interstitials
in α-Al2O3, they do not appear to be a good candidate for the
negative charging observed experimentally. The formal
charge of Al in Al2O3 is 3+, and Bader analysis shows the
system is highly ionic. Thus, the addition of an Al atom
donates 3 electrons into the system without introducing any
unoccupied states in the predominantly O 2p valence band,
meaning the defect is most likely to act as a donor in
α-Al2O3. This is demonstrated by the formation energy
diagram shown in ﬁgure 11 where the (+3/+1) level is only
1.6 eV below the CBM. Al +i3 has the lowest formation energy
for a wide range of the Fermi energy, and no occupied states
in the band gap available for excitations into the conduction
band. There are no thermodynamically stable negative charge
states of Ali observed at any Fermi energy, to act as
independent electron traps.
However, Al +i1 has a doubly occupied K–S energy level
in the middle of the band gap, 3.5 eV below the CBM (see
ﬁgure 10). The C h3 like point symmetry of the Al +i1 highest
occupied molecular orbital (HOMO), can be seen in ﬁgure 12.
The symmetry is a result of the triangle of oxygen ions whose
Figure 8. The molecular orbitals of the A1 and T2 like states of 3 and
4 coordinated VO
0 in a-Al2O3, and difference in energy between their
Kohn–Sham levels.
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atomic orbitals point into the defect center between the 2 Al
ions. The electrons localize between the 2 positively charged
Al ions which lowers its energy. This symmetry means that an
excitation into the CBM is a dipole allowed transition (A′ to
E′). Thus, at least for the crystalline system, there exists a mid
gap state in the same energy range as the levels seen
experimentally [4], and, unlike the oxygen vacancy, the
defect state perturbs the CBM state and an occupying electron
can be excited straight into the bottom of the conduc-
tion band.
3.5.2. Ali in a-Al2O3. In a-Al2O3 the average K–S energy
level of Al +i1 lies 3.4 eV below the conduction band, with a
range of 2.7–4.3 eV (see ﬁgure 7), in very good agreement
with both the EPDS and GS-TSCIS measurements [4]. The
average (+3/+1) charge transition level is 2.1 eV below the
CBM (see ﬁgure 4). This means that for a large range of the
Fermi energy interstitial Al is most stable in the 3+ charge
state, which has no occupied states in the gap. However, after
electron injection, the unoccupied states of the Al +i3 will trap
electrons and become Al +i1 . Al +i1 has a doubly occupied state
in the gap, meaning the now ﬁlled gap states can then be
excited into the conduction band and electrons detected.
3.6. Comparison with the spectroscopic data
Our results suggest that Oi and VAl can be responsible for
negative charging of a-Al2O3 ﬁlms. Both defects become
negatively charged when the Fermi energy is approximately
in the middle of the band gap, and, as can be seen in ﬁgure 4,
their average charge transition levels lie below the Si VBM.
This means that they are likely to be in the negative charge
state for most values of the Fermi energy. However, they do
not have occupied levels in the band gap which could be
depopulated in EPDS measurements [4]. Therefore, although
they carry negative charge, they are most likely not respon-
sible for the trap states observed in [4]. On the other hand,
Al +i1 and VO0 centers have occupied states in the gap with
energies in the range observed in [4]. These results, as well as
the large width of the EPDS spectrum in ﬁgure 1, suggest that
a combination of different types of compensating defects,
rather than a single defect, is more likely to be responsible for
the behavior seen experimentally and the EPDS data.
For example, one can assume that in low density a-Al2O3
some Al2O3 molecular units are missing, implying the exis-
tence of compensating O and Al vacancies +VO2 and -VAl3 . As
discussed above, -VAl3 are unlikely to be observed by EPDS as
they do not have occupied states in the right energy range.
However, after trapping two extra electrons at the +VO2 site the
whole system becomes negatively charged, with VO
0 having
doubly occupied levels at the energies corresponding to the
EPDS spectra in ﬁgure 1.
The much lower density of negatively charged states
observed in the gap before the electron injection [4] (see
Figure 9. The formation energy of the different charge states of interstitial oxygen in α-Al2O3 against the Fermi energy with respect to the
valence band, calculated in the O-rich condition. On the right is the Kohn–Sham energy level position of the doubly occupied -Oi2 defect.
Figure 10. The formation energy of the different charge states of
aluminum vacancies in α-Al2O3 plotted against the Fermi energy
with respect to the valence band.
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ﬁgure 1) can be explained by an electron tunneling from the
Si substrate and charging of the interface layer. Negatively
charged Oi or VAl are then only partially compensated by
positively charged Ali, VO or Hi defects, making the system
slightly negative with a small density of states in the gap. The
electron injection occurs at high positive voltage by electron
tunneling through the SiO2 tunneling layer. This means that
the system’s Fermi level is higher than the Si/a-Al2O3 band
offset of 2.1 eV below the bottom of the a-Al2O3 conduction
band [21]. Therefore after the electron injection, more elec-
trons occupy the Ali, VO or Hi states in the gap, which are
then observed spectroscopically (see ﬁgure 1) via excitation
into the conduction band. This ﬁlling of states also leads to a
much larger overall negative charge being observed. This
hypothesis is supported by measurements of electron capture
cross sections that suggest that electrons trap at positively
charged defect centers [1] in a-Al2O3, and that both positively
and negatively charged defect centers are simultaneously
present in the material. We also note that after electron
injection all defect states are diamagnetic, which explains the
absence of ESR signatures discussed in the Introduction.
To further compare the calculated energies with the
EPDS spectra [4, 22], as a ﬁrst approximation of the photo-
excitation energy, we use the energy difference between the
K–S energy levels of the defects and the CBM calculated
using DFT. Time dependent DFT (TDDFT) calculations have
demonstrated that the excitation energies of transitions from
localized defect states into delocalized band states can be well
approximated by the K–S energy differences [20, 72]. This is
attributed to the exact exchange related electron–hole inter-
action vanishing when one of the states is delocalized,
meaning the transition energy is mainly determined by the K–
S energies [72]. In [14] it is shown that the CBM of a-Al2O3
is a delocalized state, and does not exhibit the electron
localization seen in other oxides [73]. High electron mobi-
lities in a-Al2O3 have also been measured experimentally [3].
As EPDS detects transitions by measuring charge loss due to
electron drift in the alumina CB, it is important that the
energy reference is taken from the mobility edge, which in
a-Al2O3 corresponds to the CBM [3]. With this in mind, the
range of K–S energy levels of Ali, VO or Hi, with respect to
the CBM, shown in ﬁgure 7, all have levels within the range
measured experimentally [4]. The energy level distribution of
these K–S levels with respect to the conduction band can be
seen in ﬁgure 13, where each predicted transition energy, for
each defect, has been broadened using a Gaussian with a full
width half maxima of 0.4 eV and normalized to all have the
same maximum. The distribution of energies of the Ali and
VO in ﬁgure 13 match those of the EPDS measurements [4]
well, but the distribution of Hi defect levels mostly falls
outside the measured spectra and so is less likely to contribute
to the transitions observed. This means more than one type of
‘intrinsic’ defect could be responsible for the trap states, but
hydrogen implantation is less likely to affect the EPDS
measurements. Experimentally the defect species could be
more conﬁdently assigned by adjusting the growth conditions
of alumina thin ﬁlms so as to control the O and Al chemical
potentials.
In this study we speciﬁcally addressed the negative
charging of alumina since experiments clearly show that this
is the dominant process responsible for the violation of
Figure 11. The formation energy of interstitial aluminum and its various charge states in α-Al2O3, plotted against the Fermi energy with
respect to the valence band, calculated in the Al-rich environment.
Figure 12. The iso-surface of the Al +i1 HOMO, in 2 orientations so
as to see the C h3 point symmetry. The interstitial Al and its nearest
neighbor Al are both 6 coordinated with O, though some Al–O
bonds are extended to 2.6 Å.
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electroneutrality in this dielectric. It is worth noting that even
in the case of hole injection in alumina thin ﬁlms which have
been deposited on oxidized silicon, the dominant positive
charging is associated with the SiO2 interlayer, rather than the
alumina layer [1]. Similar conclusions regarding SiO2 domi-
nated positive charging, correlated with protonic contribution,
have also been reached in the past for atomic-layer deposited
ZrO2 [1, 74, 75] and HfO2 [1] insulators. Intrinsic positive
charging has been reported in HfO2 when the contribution of
the SiO2 layer is excluded by depositing the metal oxide on
top of other materials [76]. This correlates with the devel-
opment of a signiﬁcant oxygen deﬁciency due to application
of an O-scavenging metal (Hf) layer [76]. This observation is
consistent with the results of our previous calculations indi-
cating that the oxygen vacancy in hafnia favors the positively
charged state when the electron chemical potential is lower
than approximately 1.5 eV below the CBM [77]. Therefore,
we believe that oxygen deﬁciency in metal oxide insulators
represents the major factor enabling the formation of positive
charge. Since the O vacancy formation in Al2O3 is less
energetically favorable than in other high-permittivity metal
oxides (ZrO2, HfO2, SrTiO3, etc), contribution of this positive
charge to the net oxide charge observed experimentally will
be less pronounced leading to the dominance of negative
charging. Nevertheless, experiments on the internal photo-
emission of electrons into γ-Al2,O3 layers in which oxygen
deﬁciency is developed via the deposition of Ti (which is also
an oxygen scavenger) suggest charging of the interface [78]
similar to that observed in HfO2 upon O scavenging by
metallic Hf [76].
4. Conclusion
In order to understand the source of negative charging in
a-Al2O3 ﬁlms [2–5], the electronic properties of the defects
Hi, VO, Oi, VAl and Ali were calculated using DFT.
Oi and VAl were both found to have deep acceptor levels,
with the average Oi (0/−2) charge transfer level lying 3.4 eV
below the a-Al2O3 CBM, and the average VAl (−2/−3)
charge transfer level lying 3.5 eV below the CBM. However,
their lack of occupied energy levels in the band gap means
that they are not responsible for the transitions seen in the
EPDS and GS-TSCIS measurements [4].
To explain the spectral distribution of electron transitions
observed experimentally [4] (see ﬁgure 1) a mechanism is
proposed whereby the negatively charged Oi and VAl states
are compensated by the positively charged Hi, VO and Ali
defects. As a result of the compensation, the as grown system
has a relatively small net overall charge. Following electron
injection, the states of Ali, VO or Hi in the band gap become
occupied by electrons and subsequently optical transitions
into the oxide conduction band can be observed.
The hypothesis regarding the co-presence of oppositely
charged states in the metal oxide has earlier been invoked on the
basis of electron capture cross-section arguments [1]. The pre-
sent study provides an atomistic picture of this peculiar elec-
trostatic condition. Furthermore, supporting the proposed
interpretations, the K–S energy levels of these defects, deter-
mined with respect to the amorphous alumina CBM (see
ﬁgure 7), overlap with the results of EPDS and GS-TSCIS
measurements [4]. Finally, it is worth noting that the attractive
Coulomb potential of the electron trapping sites would promote
ﬁlling of these traps even in the absence of an externally applied
electric ﬁeld, provided electrons have sufﬁcient energy to tunnel
to the traps. This additional electron trapping would be con-
sistent with the observed increase of the net negative charge
upon annealing of the Si/alumina structures [12]. All in one, the
available experimental observations appear to be consistent with
the results of our defect simulations.
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Figure 13. The transition energy distribution of the Ali (circle), VO
(square) and Hi (diamond) defects, predicted using the differences in
energies between the Kohn–Sham energy levels of the in-gap
occupied states and the conduction band state, as seen in ﬁgure 7.
The calculated transition energy of each defect from all 10 cells is
also broadened using a Gaussian with a full width half maxima of
0.4 eV, normalized and compared to the EPDS data [4] (black line in
ﬁgure) shown in ﬁgure 1, in order to give an indication of the
grouping of the levels.
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